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Ag defects in Σ3 grain boundary of SiC were analyzed to test the hypothesis that Ag release from
TRISO fuel particles can occur through grain boundary diffusion. Although Σ3 grain boundaries
cannot provide a connected path through the crystal, they are studied here to provide guidance for
overall trends in grain boundary vs. bulk Ag transport. Formation energies of Ag defects are found
to be 2 − 4 eV lower in the grain boundaries than in the bulk, indicating a strong tendency for
Ag to segregate to the grain boundaries. Diffusion of Ag along Σ3 was found to be dramatically
faster than through the bulk. At 1600◦C, which is a temperature relevant for TRISO accident
conditions, Ag diffusion coefficients are predicted to be 3.7 × 10−18 m2/s and 3.9 × 10−29 m2/s in
the Σ3 grain boundary and bulk, respectively. While at this temperature Σ3 diffusion is still two
orders of magnitude slower than diffusion estimated from integral release measurements, they values
are close enough to suggest that grain boundary diffusion is a plausible mechanism for release of Ag
from intact SiC coatings. The remaining discrepancies in the diffusion coefficients could be possibly
bridged by considering high-energy grain boundaries, which are expected to have diffusivity faster
than Σ3 and which provide a connected percolating path through polycrystalline SiC.

PACS numbers: 66.30.-h 61.72.Mm, 28.41.Bm



2

I. BACKGROUND

The cubic polytype of silicon carbide (3C–SiC) is one of the constituent materials in the design of TRistructural
ISOtropic (TRISO) coatings for fuel particles in the very high temperature reactors (VHTR). In the current TRISO
design, the 35 µm thick layer of 3C–SiC provides the main barrier to the escape of metallic fission products (MFPs)
from the fuel core into the reactor coolant. Although the SiC layer retains most of the MFPs under operating and
accident conditions, it releases some of the relatively long half-life MFPs, such as Ag (half-life 253 days) and Cs (30
years), which raises concerns about the reactor’s safety. Numerous hypotheses have been proposed for the mechanisms
underlying fast transport and release of MFPs through the SiC layer of TRISO, however no consensus has been yet
reached on this issue. These hypotheses include chemical degradation of SiC1,2, vapor diffusion through cracks and
nano–pores3–5, and diffusion along grain boundaries (GBs) and (pipe) dislocations6,7. Recently a number of studies
have provided strong support for the hypothesis that GB diffusion is the dominant pathway for Ag transport6,7. For
example Friedland et al.4,8 carried out Ag implantation studies in a single crystal SiC and a polycrystalline SiC. It
was observed that at 1300◦C diffusion of Ag (measured by broadening of the Ag concentration profile) takes place in
polycrystalline SiC, but not in a single crystal SiC. The results have been attributed to GB diffusion. More recently
Lopez-Honorato et al.9 designed a diffusion couple where Ag was trapped between two stoichiometric SiC layers and
the samples were heat treated at temperatures of up to 1500◦C. Significant diffusion was observed in the samples and
transmission electron microscopy (TEM) images were consistent with the possibility that diffusion took place along
GBs.
Previous atomistic studies on MFPs diffusion through SiC have focused on Ag diffusion through bulk SiC.10. It

was found that in the absence of radiation damage Ag diffusion coefficient is low (6.9 × 10−35m2/s at 1200◦C and
3.9×10−29m2/s at 1600◦C for the fastest Ag defect) and therefore bulk diffusion cannot account for the experimentally
observed release rates of Ag from TRISO particles.
Here we use atomistic modeling to determine quantitative differences between Ag diffusion along GBs and through

the bulk of SiC. We also identify mechanisms that control diffusion of Ag along GBs. Our analysis is focused on
the most common special GBs in 3C-SiC11, which are the Σ3〈011〉{211} GBs. The overall goal of this study is to
determine whether GBs in SiC can provide pathways for Ag diffusion with rates comparable to those reported in
integral release measurements. Since the energy of Σ3 is low as compared to other GBs in SiC and there is some
evidence that GBs with higher energies provide faster diffusion pathways 12,13, one can expect that Σ3〈011〉{211}
twin GBs provide a lower bound estimate on GB diffusion in SiC.
In this paper it is important to keep in mind the distinction between Ag diffusion along a specific GB in SiC and

diffusion through a polycrystalline sample of this material. The focus of this work is on the former issue. Diffusion
through polycrystalline SiC, which is also critical for assessing long-range Ag diffusion and possible release from
fuel particles, depends on how different GB paths are connected in a polycrystalline sample. In order to place our
investigation in the context of experimental studies, we will compare diffusion values calculated for specific GBs to
those measured for a polycrystalline material. Although a mesoscale microstructural model of diffusion is not the
focus of the present work, a simplified analysis of how the diffusion coefficients for specific GBs can be mapped onto
a polycrystalline material is given in Sec. IV. An example of a more complete mesoscale model of Ag transport in
SiC can be found in Ref.14.

II. SIMULATION METHODS

In our study we combine molecular dynamics (MD) simulations based on empirical potentials and ab initio calcu-
lations based on the Density Functional Theory (DFT). MD simulations are first employed to determine energetically
most stable atomic configurations of Σ3 GBs. Relaxed GB structures are then used as an input for ab initio calcula-
tions of defect formation and migration energies. Finally these energies are used in combination with the Arrhenius
relationship to calculate diffusion coefficients as a function of temperature.

A. Molecular dynamics

MD simulations are performed using the LAMMPS software package15 and the Tersoff potential16 with parameter-
ization for SiC as proposed by Kohler et al.17 This potential has been previously used by Wojdyr et al.18 to model
tilt GBs in 3C-SiC. GBs are investigated in a bicrystal configuration. The Σ3 GB lies in the (21̄1̄) crystallographic
plane and has a tilt axis aligned with the [01̄1] direction. The initial GB structure is constructed so that no two
atoms from different grains are at a distance less than 80% of the lattice parameter. The bicrystal structure is then
optimized at high temperature using a procedure described in detail in Refs.18,19. The XZ cross-sectional structure
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FIG. 1. A bicrystal GB model of Σ3 〈110〉 {211} GB. The dashed line corresponds to the GB plane separating the grains G1
and G2. Substitutional and interstitial sites are labeled by Arabic and Roman numerals, respectively. Sites in G1 and G2 are
labeled as U and L, respectively. During relaxation, the Si1 column forms dimers along the Y direction. Coordination number
is 4 for all atoms in the GB, which is the same as in the bulk SiC.

of the most stable Σ3 GB structure is shown in Fig. 1, where X=[111] and Z=[21̄1̄]. The Y direction is parallel to
the GB tilt axis [01̄1]. The XZ cross-section in Fig. 1 is consistent with tight binding calculations and high resolution
TEM images reported in the literature20–24. The stable structure of Σ3 GB consists of 5-, 6-, and 7-membered rings,
which are labeled I, III, and II, respectively. Atoms that form these GB rings occupy an approximately 5 Å thick slab
centered at the GB. Atoms outside this slab are considered as belonging to crystalline grains (the bulk) of SiC. This
definition of a GB is consistent with that considered in other studies on SiC20.

B. Ab initio calculations

DFT-based ab initio calculations have been performed using the Vienna Ab-initio Simulation Package (VASP)25–28.
We used the projector–augmented wave (PAW) method29,30 and an energy cutoff of 450 eV for both Si and C atoms.
All energies are calculated using a 1 × 1 × 1 k-point mesh generated using the Monkhorst-Pack method31 with
consideration of the geometrical shape of the reciprocal space. The exchange–correlation functional was treated in
the Generalized Gradient Approximation (GGA), as parameterized by Perdew, Burke, and Ernzerhof (PBE)32. The
convergence criteria were set to 10−4 eV for the electronic self–consistency cycle. The forces in the ionic iterations
were converged within ±0.01 eV/Å. Migration barriers are calculated using the nudged elastic band (NEB) method.
Formation energies Ef are calculated using the following formula:

Ef = Edef − Eundef +
∑

I

∆nIµI , (1)

where Edef is the energy of a defected cell, Eundef is the energy of an undefected cell, ∆n is the change in the number
of atoms of species I from the perfect cell to the defected cell, and µI is the chemical potential of species I. For
Si-rich conditions, µSi is equal to the energy of a Si atom in a Si crystal and µC is equal to the energy of a C atom
in a SiC crystal. For C-rich conditions µSi is equal to the energy of Si atom in a SiC crystal and µC is equal to the
energy of C in graphite. The values of all chemical potentials are taken to be the same as in Ref.10. In this paper we
focus our discussion on Si-rich conditions. For charged defects, Eq. 1 contains additional terms related to electronic
degrees of freedom (see for instance Ref.10). Since GB calculations are computationally expensive, in this study we
only consider neutral defects. A discussion of how charged defects may impact our conclusions is presented in Sec.V.
Ab initio calculations are limited to relatively small system sizes. To perform such calculations, first a small system

is cut out of a large structure that had been prepared and relaxed in MD simulations. The dimensions of the ab initio

structure are chosen so as to maintain periodic boundary conditions within the plane of the GB. The lattice sites
that overlap between the two grains in a bicrystal form a periodic structure within the GB plane, which structure is
referred to as a coincidence site lattice (CSL). The size of the CSL unit cell is 7.55 Å and 3.08 Å along the X and Y
directions, respectively. When discussing convergence of calculations, we label the system size by the number of CSL
unit cells. For instance SiC 1 × 1 Σ3 GB structure has one CSL unit cell in both, the X and the Y direction. The
dimension along the Z direction is 18 Å for all samples considered in this study. This dimension is chosen to ensure
that a reasonable number of bulk–like atomic layers are incorporated around the GB. Periodic boundary conditions
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are applied in the X, Y, and Z directions of the bicrystal, where the Z direction has a free surface with a ∼ 3 Å thick
vacuum layer to avoid interactions between free surfaces. The two outermost layers of atoms parallel to the GB plane
(perpendicular to the Z direction) are held rigid during ab initio calculations to prevent surfaces from an undesired
reconstruction.
We tested the convergence of the calculations with respect to the system size using a 1× 1× 1 k-point mesh. We

calculated the formation energy of Ag on a Si site (AgSi) in Σ3 bicrystals with the following size: 1× 2 (128 atoms),
2× 1 (128 atoms), 2× 2 (256 atoms) and 3× 3 (384 atoms). We found that the formation energy Ef of this defect was
converged to within 100 meV/defect for the 2× 2 (256 atoms) system size with the 1× 1× 1 k-point mesh. The 2× 2
(256 atoms) system size will therefore be used throughout the entire study. Convergence with respect to the k-point
mesh was also performed. For example, carbon vacancy (VC) converged to within 150 meV/defect for a 1 × 1 × 1
k-point mesh against a 3× 3× 3 k-point mesh. The 1× 1× 1 k-point mesh was then used for all further calculations.

C. Diffusion coefficient calculations:

The effective diffusion coefficient D i

eff for a Ag defect of type i (e.g., a substitutional defect on the Si sublattice)
migrating along GBs is assumed to follow the Arrhenius relationship

Di
eff = Di

eff,0 exp

(

−Q i

eff

kbT

)

, (2)

where kb is the Boltzmann constant, T is the absolute temperature, Deff,0 is a pre-exponential factor, and Q i

eff is the
effective energy barrier to diffusion. Q i

eff and Di
eff,0 are calculated by fitting the above equation (Eq. 2) to a plot of

calculated D i

eff vs. T−1. The effective diffusion coefficient D i

eff is calculated following the procedure from Ref.33 as
the product of an intrinsic diffusion coefficient D i

int and a relative concentration of the defect i

Di
eff = Di

int

Ci

∑

i C
i
. (3)

Concentration (in defects per unit cell) of a defect of type i in the GB can be calculated as34

Ci = N i × exp

(

−Ei
f

kbT

)

, (4)

where N i is the number of sites of type i per unit cell of a GB and Ei
f is the formation energy of defect i. The intrinsic

diffusion coefficient D i

int quantifies the diffusivity of Ag in SiC, assuming Ag spends 100% of time as a defect of type
i. Dint is approximated as

Di
int = Di

int,0 exp

(

−Qi
int

kbT

)

, (5)

where the pre-exponential factor Di
int,0 is taken to be equal to 9.61 × 10−8m2/s. Di

int,0 was calculated as the hop
distance squared multiplied by an attempt frequency, assuming the attempt frequency to be equal to the phonon
frequency of 1012 Hz and the hop distance to be equal 3.1 Å. Q i

int is calculated from migration barriers, which in turn
are determined using ab initio calculations (see Section III B for details).

To determine the diffusion coefficient D for transport of Ag through a polycrystalline SiC with an average grain
diameter d, one needs to take into account both diffusion through crystalline grains (bulk), Dbulk, and diffusion along
GBs, DGB. The resulting diffusion coefficient can be estimated as35

D = αtDGB + (1− αt)Dbulk, (6)

where αt is the fraction of time that Ag atom spends in the GBs. This fraction of time can be in turn calculated as:

αt =
gCGB

gCGB + (1− g)Cbulk
, (7)

where g is the volume fraction of GBs, CGB and Cbulk are concentrations of Ag atoms (in units of 1/m3) in a GB and
bulk SiC, respectively. The concentration CGB of Ag defects in the GB is calculated as the sum

∑

i C
i (where Ci

is defined in Eq. 4) divided by the volume of a GB unit cell. Cbulk is calculated analogously based on energies from
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TABLE I. Formation energies of vacancies, Ag substitutional and Ag interstitial in all possible sites in the GB and in bulk
SiC10.

Site VC AgC Site VSi AgSi Site AgI
(eV) (eV) (eV) (eV) (eV)

Bulk 4.13 7.39 Bulk 7.63 6.6 Bulk 10.49
C1 2.78 5.60 Si1 4.13 4.01 I Unstable
C2U 1.97 3.63 Si2U 5.38 4.47 II 6.71
C2L 1.32 4.22 Si2L 5.02 4.74 IIa 4.70
C3U 2.49 4.59 Si3U 5.81 6.15 IIIL 5.99
C3L 2.31 4.76 Si3L 4.52 5.18 IIILa 3.27
C4U 2.66 4.99 Si4U 4.60 3.95 IVL 7.65
C4L 2.77 4.84 Si4L 4.32 3.69 IVLa 7.38

Ref.10 Grain boundary volume fraction can be calculated as g = V GB /(V GB +V bulk ), where V GB and V bulk are
the volumes of GBs and bulk, respectively. V GB is calculated as the GB thickness (5 Å) multiplied by the total
area AGB of the GBs in the sample. With a simple assumption that polycrystalline SiC consists of cubic grains
with edge length d, we find AGB/Vbulk = 3/d. In our calculations of the diffusion coefficient D (Eq. 6), we will
assume d = 0.8 µm, which is a typical grain diameter in SiC microstructures used in the TRISO application. These
assumptions yield g = 0.0019. Dbulk for Ag in 3C-SiC has been already calculated by Shrader et al.10 Grain boundary
diffusion coefficient DGB can be calculated as

DGB =
∑

i

Di
eff =

∑

i C
iDi

int
∑

i C
i

, (8)

where index i represents different types of Ag defects.
This paper is structured as follows: first we calculate the energetics of Ag defects, including formation energies

(Ef) and migration barriers (Em), and we discuss the stability of Ag defects as dictated by their formation energies.
Subsequently, for each defect i we calculate the intrinsic diffusion coefficient Di

int, as well as the effective diffusion
coefficient D i

eff with the corresponding effective activation barrier Q i

eff (Eq. 2). Q i

eff is used to calculate the GB
diffusivity (Eq. 8) and then the total diffusivity for Ag (Eq. 6). Values of Q i

eff are then compared to those extracted
from integral release measurements4,36,37. In this paper frequent reference to bulk defect formation energies will be
made. All of the bulk values are taken from Shrader et al.10.

III. RESULTS

The GB diffusivity is closely related to the atomic structure of the GB.38 Within the thickness of the asymmetric
GB, there are 14 physically distinct sites on the Si sublattice and 14 on the C sublattice. There are 14 symmetry
distinct sites (7 on each sublattice), which are labeled as shown in Fig. 1. The additional 14 sites occupy a (01̄1)
plane that lies behind the (01̄1) plane shown in Fig. 1. The structure of the asymmetric GB is comprised of columns
of atoms extending along the Y [01̄1] direction.

A. Defect formation energies

We determined formation energies of Ag point defects (i.e., interstitial AgI defects and substitutional defects AgSi
and AgC formed on Si and C sublattices, respectively) as well as defect clusters Agi + nVj formed by Ag on the i
sublattice and n vacancies on sublattice j. Because of the asymmetry, sites in G1 and G2 (see Fig. 1) are physically
distinct. Since substitutional diffusion is vacancy mediated, calculating formation energies of Si and C vacancies
is essential for determining the rate of Ag substitutional diffusion. All vacancy formation energies for the distinct
sites labeled in Fig. 1 have been calculated and reported in Table I. Formation energies of Ag substitutional defects
calculated for the same sites are also listed in Table I. Interstitials can occupy the free volume inside the GBs, which
we refer to as pores. As shown in Fig. 1, within the GB thickness there are 4 distinct pores in the XZ plane, which
are labeled I, II, IIIL, IIIU. In our calculations of interstitial formation and migration energies we additionally include
Pore IV, which lies outside the GB region. Inclusion of Pore IV is necessary so that Ag can avoid Pore I during
migration along the X[111] direction (Pore I is too small to stabilize Ag interstitial). Each of these pores has two
distinct interstitial sites along the Y[01̄1] direction, which leads to the total of 10 distinct interstitial sites that need to
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FIG. 2. (Color online) Ag + V cluster (a) before and, (b) after ab initio relaxation. For clarity, only one layer of atoms into
the plane of the paper is shown.

be investigated. An additional label (a) is used to indicate distinct interstitial sites along the Y[01̄1] direction. In this
notation, AgIIIL and AgIIILa denote two distinct Ag interstitials formed in pore IIIL. In Table I formation energies
of Ag interstitials in the asymmetric GB are compared to the corresponding values in bulk. As might be expected,
Pores IVL and IVLa, which are outside the pre-defined GB region and have the most bulk-like structure among the
GB pores, have also the highest formation energies of interstitials (> 7 eV), closest to bulk values.
The most stable Ag interstitial is formed in Pore IIILa with the formation energy of Ef = 3.27 eV. We found that

there can be significant differences in formation energies between two interstitial sites along the Y[01̄1] direction. This
difference is particularly large (∼ 2.5 eV) for Pores IIIL and IIILa. The reason for this difference is a formation of Si
dimers along the Y direction in the column Si1 (see Fig. 1). We found that formation energy of Ag interstitial next to
the dimer is always higher than between two dimers. Another type of Ag defects considered in our study is a defect
cluster. Clusters Agi+nVj are formed by a Ag atom on the i sublattice bound to n nearest-neighbor vacancies on the
j sublattice. In our calculations we considered all combinations of Ag on substitutional sites given in Table I with all
possible vacancy sites next to it. For clusters containing one vacancy, we found that both AgSi +VC and AgC +VSi

relaxed to the same minimum energy configuration, which we will refer to as Ag + V. In the relaxed state the Ag
atom resides along the line connecting the Si and C sites, and it is displaced from the Si site by 30% of the Si–C
distance. An example of such a cluster before and after relaxation is shown in Fig. 2. Formation energies of Ag + V
defects are in the range of 2.76− 4.6 eV (see Fig. 3).
Two-vacancy clusters Agi+2Vj were found to be more stable when i = Si and j = C. Specifically formation energies

of AgSi + 2VC are in the range 3.74− 5.73 eV while formation energies of AgC + 2VSi are in the range 5.56− 8.30 eV.
This trend can be explained by the fact that vacancies have significantly lower formation energies on C sublattice
than on Si sublattice while Ag substitutionals have comparable formation energies on both sublattices (see Table I).

As we will show in Section III B the fastest diffusing Ag defect has effective energy barriers to diffusion Qeff equal
to 7.62 eV and 3.95 eV along the X and Y directions, respectively. Because formation energies of AgC + 2VSi defects
are at least as high as ∼ 5.56 eV, for this defect to become competitive with the fastest diffusing species along the
X and Y directions, it would need to have values of Qint lower than ∼ 2 eV and lower than zero, respectively. Since
such a scenario is not likely (or even possible for the negative migration energy), our analysis of migration energies
will be focused only on the AgSi + 2VC clusters.

Overall we found that the single vacancy clusters are more stable than the di-vacancy clusters. In addition clusters
are more stable in the GB than in the bulk. The most stable Ag + V in the GB has the formation energy lower by
2.56 eV than the most stable neutral cluster in bulk (AgSi +VC) and lower by 0.7 eV than AgSi +VC in its most
energetically favorable charge state (-1) in bulk. The AgSi + 2VC and AgC + 2VSi clusters are also more stable in the
GB (see Fig. 3) than in the bulk, where the corresponding bulk energies are 6.44 eV and 11.4 eV.
We define a binding energy Eb of a cluster as the difference between the formation energy of a defect cluster and

the sum of formation energies of its point defect constituents. If the binding energy is negative, the constituents of
the cluster favor being bound together and a positive binding energy means that a cluster is unstable with respect
to its constituents. Similarly as in the bulk SiC10, we find that there is a strong binding tendency between Ag and
the participating vacancies in a Agi + nVj cluster. In addition binding energies are comparable for clusters of the
same type. For example, the Ag + V clusters have binding energies of −5.89± 0.63 eV, the AgSi + 2VC clusters have
binding energies −4.80 ± 0.87 eV and the AgC + 2VSi clusters have binding energies of −7.71 ± 0.91 eV. Although
binding energies of the AgC + 2VSi cluster are the largest, this is the least stable cluster because of the high formation
energies of Si vacancies. It is notable that formation energies of the Ag + V cluster are lower than of Ag substitutional
defects. We attribute the low formation energy of this cluster to the large binding energy between Ag and V. This
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FIG. 4. (Color online) Relative concentrations of different defect types in the Σ3 GB as a function of temperature.

propensity of Ag to attract a V is presumably due to the size of a Ag atom (covalent radius of 1.45 Å39), which
is significantly larger than Si and C atoms (covalent radii of 1.11 Å and 0.76 Å, respectively39). The presence of a
nearby vacancy relaxes the strain introduced by Ag into the SiC lattice. As shown in Fig. 3, adding another vacancy
to form AgSi + 2VC increases the defect formation energy, which suggests that the additional free volume created by
the second vacancy is not energetically beneficial enough to the Ag to overcome the energy required to create the
vacancy.

In Figure 4 we plot the relative concentrations of all types of Ag defect in the Σ3 GB as a function of temperature
for the range of temperatures relevant to VHTR and TRISO applications. To calculate these relative concentrations,
we take into account all possible defect sites within the unit cell of a GB. The concentration of Ag defects can be
calculated from their formation energies using Eq. 4. By far the most stable Ag defect is found to be the Ag + V
cluster.

In order to better understand the implications of the the GB defect energetics, it is useful to compare the formation
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FIG. 5. A schematic diagram of a path for Ag diffusion between two symmetry equivalent positions. Em corresponds to the
migration energy for this diffusion path.

energies of Ag defects in the Σ3 GB to the formation energies of Ag in bulk SiC. Generally, we found that vacancies
on the C sublattice are more stable than on the Si sublattice in both the Σ3 GB and bulk SiC. In the GB, the most
stable vacancy is found on C2L with the formation energy lower by 2.87 eV than that of a neutral C vacancy in the
bulk. Formation of substitutional Ag defects on both C and Si sublattices in the GB are found to be more stable in
the GB than in bulk by ∼ 1−4 eV. The formation energy of the most stable Ag substitutional defect in the GB (Agc)
is lower by 3.76 eV than the energy of the most stable Ag substitutional in the bulk. Interstitial formation energies
are also lower in the GB. Specifically, the most stable Ag interstitial occupies Pore IIILa and its formation energy
is lower by 7.22 eV than the most stable neutral interstitial in the bulk (see Table I). The significant reduction in
the formation energies of GB defects compared to bulk indicates a strong segregation tendency of Ag atoms to the
Σ3 GB. In addition, since the high formation energies of Ag interstitial and Si and C vacancies were some of the key
energies that made diffusion in bulk slow10, reduction in these energies suggests that substitutional and interstitial
diffusion of Ag might be significantly enhanced in the GB as compared to bulk.
Having calculated formation energies of all Ag defects in the GB, we are now in a position to determine the fraction

of time αt that Ag spends in the Σ3 GB (Eq. 7) at the operating temperature of VHTR (1200◦C). First we calculate
CGB = 9.4 × 1018 m−3 and Cbulk =3.03 × 1010 m−3, which gives a segregation factor s = CGB/Cbulk ≈ 3.1 × 108.
The value of CGB has been calculated based on energies of neutral defects from Ref.10 Assuming an average grain
diameter of d = 0.8µm we determine αt = 0.999998, which shows that there is a very strong tendency for Ag to
segregate to GBs in SiC. Consequently when calculating the diffusion coefficient D through a polycrystalline SiC
sample, it is reasonable to assume αt = 1 and the second term in Eq. 6 to be equal zero, that is D ≈ DGB .

B. Diffusion

Following the sequence of investigations in this paper, we first explore possible diffusion mechanisms of Ag point
defects (interstitial and substitutional) and then extend the discussion to Ag defect clusters. For each diffusion
mechanism we begin by identifying possible diffusion paths along the complex structure of a GB. Each diffusion
path is characterized by a number of hops that connect two symmetry equivalent sites as shown in Fig.5. If a given
defect type i has multiple paths j, the intrinsic diffusion barrier Qij

int is first determined separately for each path.
All considered paths are investigated starting from the site where the defect is most stable. We define a complete
diffusion path as the path between two symmetry equivalent sites in the GB. The intrinsic migration barrier Eij

m of

Ag along the entire path j is estimated as the energy difference between the lowest formation energy Eij
f (starting

point of the path) and the maximum energy state of the defect along this path (see Fig. 5).
Because diffusion along GBs is typically anisotropic40, separate investigations have been carried out for diffusion

along the X[111] direction (perpendicular to the tilt axis of the GB) and the Y[01̄1] direction (parallel to the tilt
axis) (see Fig. 1). We first consider diffusion along the X[111] direction, dividing the discussion into substitutional,
interstitial and cluster diffusion.
For substitutional diffusion the intrinsic energy barrier can be estimated as41

Qint = EV
f + EAg+V

b +
(

EAg/V
m

)

, (9)

where EV
f is the vacancy formation energy, EAg+V

b is the binding energy of Ag and a vacancy on the first nearest

neighbor sites of the same sublattice, E
Ag/V
m is either the migration barrier of Ag or the vacancy, depending on which
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VSi. For clarity, only one layer of atoms into the plane of the paper is shown.

one is larger. Generally, vacancy hopping barriers on the carbon sublattice are in the range of ∼ 3.5 − 6 eV. Paths
with the lowest vacancy migration barriers are investigated first. When investigating substitutional diffusion along
the X[111] direction, we found that a vacancy on the C sublattice is unstable next to Ag on the C sublattice. This
vacancy relaxes to the nearest neighbor Si site while Si atom moves to the C site and forms an antisite (see Fig. 6).
In contrast, we found that AgSi next to a VSi is stable. The corresponding defect configurations had values as low as
Qint = 4.63 eV which is ∼ 2.5 eV lower than Qint of other defects we investigated (see Table II). However, due to the
higher formation energies of VSi, Qeff for AgSi diffusion was significantly higher than Qeff for of the fastest defects.
The larger stability of the AgC +VSi cluster suggests that Ag will diffuse as a cluster rather than as a substitutional
atom. Cluster diffusion is discussed later in this section.

For Ag interstitial diffusion, hopping along the X[111] direction involves migration barriers in the range of ∼ 1−5 eV.
Formation energies along the diffusion path are as high as ∼ 7.5 eV (Pore IV). Since Ag interstitial must pass through
Pore IV to complete a path along the X [111] direction, this high formation energy will always be a limiting barrier
to the diffusion along the X[111] direction. The fastest diffusion path we found has an intrinsic migration barrier of
7.12 eV.

It is instructive to compare interstitial diffusion in the GB to that in bulk SiC. Shrader et al10 found that Ag
interstitial diffusion through bulk SiC was slow because of the high formation energy (10.49 eV) of these defects.
Because formation energy (Ef ) of Ag interstitials is reduced in the Σ3 GB by ∼ 7.22 eV, Qeff will also be reduced as
compared to the bulk and the interstitial diffusion could be enabled in the GB. However, the rate of diffusion of Ag
interstitial depends also on the migration barriers (and therefore on the intrinsic energy barriers Qint ). The lowest
intrinsic energy barrier along the X[111] direction was found to be Qint = 7.12 eV, which is much higher than the
0.89 eV value in the bulk. Consequently Qeff for Ag interstitial in the GB is 7.62 eV, which is comparable to the
bulk value of 7.88 eV. Interstitial diffusion is slowed down in the GB along the X[111] direction by the high migration
barriers rather than formation energy as in the case of bulk SiC.

The Ag + V cluster has a number of possible configurations along the X[111] direction because of the presence of
distinct (Si/C) sites. A migration path along the X direction will include these different cluster arrangements, which
have formation energies in the range from 2.76 eV to 4.76 eV. In our analysis we considered all possible paths for
Ag + V diffusion along the X[111] direction. Starting from the defect with the lowest formation energy, we calculated
all of the hops that make a complete diffusion path to a symmetry equivalent site. All diffusion paths were found to
involve one or more of the following rate limiting defect states: (i) formation of a Si/C antisite, (ii) hopping of two
atoms simultaneously, and (iii) unbinding of the vacancy from the cluster. For instance the binding energy of the
vacancy to the most stable Ag + V cluster is -6.29 eV and therefore unbinding of a vacancy from a cluster requires
overcoming a high energy barrier. We found that the path with the lowest intrinsic barrier for diffusion along the
X[111] direction has Qint = 7.56 eV. Since this Ag + V is also the most stable defect in the GB (see Fig. 4) is it not
surprising that its Qeff ≈ Qint = 7.56 eV.

We have also investigated diffusion of AgSi + 2VC cluster, where we started by calculating the rate limiting defect
states for the possible paths along the X[111] direction. We found that the lowest rate limiting barrier has the
value of ∼ 10 eV, which makes AgSi + 2VC diffusion too slow to compete with other Ag defects. Comparing the
diffusion coefficients for Ag defects along the X[111] direction in Table II, we conclude that Ag + V cluster mechanism
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TABLE II. Summary of the fastest diffusion mechanisms of each Ag defect type i migrating along the X[111] direction in the
Σ3 GB. Reported values correspond to 1200◦C.

Ag Qi
int Qi

eff Di
eff,0 Di

eff (m2/s)
defect i (eV) (eV) (m2/s) 1200◦C
AgC Unstable
AgSi > 4.63 > 10.49 ∼ 10−9 < 10−44

AgI 7.12 7.62 9.79× 10−8 8.31× 10−34

Ag + V 7.56 7.56 3.18× 10−7 4.33× 10−33

AgSi + 2VC > 10.00 ∼ 10−8 < 10−42

TABLE III. Energies used to determine the fastest Ag substitutional diffusion path. Si(n-na) refers to hopping between sites
Si(n) and Si(na) along the Y direction on column n. Qeff is calculated using Eq. 2 after calculating Deff using Eq. 3. Qij

int which
is needed to calculate Dint and hence Deff is obtained from Eq. 9.

EV
f EAg

f E
Ag+V
b E

Ag/V
m Qij

int

(eV) (eV) (eV) (eV) (eV)
C(1-1a) 2.78 5.60 −1.81 3.78 4.75
C(2-2a) 1.32 4.22 −0.53 6.16 6.95
C(3-3a) 2.59 4.76 −3.32 2.70 1.97
Si(1-1a) 4.13 4.01 −0.32 2.90 6.71
Si(2-2a) 5.02 4.74 −0.45 3.70 8.27
Si(3-3a) 4.52 5.18 0.71 3.08 8.31
Si(4-4a) 4.36 3.69 −0.53 4.36 8.19

is the fastest Ag diffusion mechanism along the X[111] direction of the Σ3 GB with a Qeff =7.56 eV and Deff of
4.33× 10−33 m2/s at 1200◦C.
We found that Ag diffusion along the Y[01̄1] direction is typically faster than along the X[111] direction. Since most

of the formation energies in Table I suggest that energetics of grain G2 are lower than energetics of the grain G1 (See
Fig. 1), we limited our diffusion rate calculations to G2. As shown in Table III, substitutional diffusion on C sites is
generally faster than on Si sites, largely because of the high formation energy of VSi. Among C atoms, column C2 has
the lowest formation energies for both VC and AgC. However diffusion on this column is relatively slow due to high
migration energies (6.16 eV). The fastest substitutional diffusion takes place on the C3 column, which has the second
lowest formation energy for VC, the largest binding energy (-3.32 eV) and the lowest migration barrier (2.70 eV). The
corresponding energy barrier is Qeff = 3.95 eV (see Table IV) and the diffusion coefficient is Deff = 4.88× 10−21 m2/s
at the reactor operating temperature of 1200◦C and Deff = 3.69 × 10−18 m2/s at 1600◦C, which is the accident
temperature of VHTR. Diffusion of the Ag interstitial along the Y[01̄1] direction involves migration along one of the
pores shown in Fig. 1. We calculated migration barriers for Ag interstitial along three pores II, III, and IV. Pore I
is too small for Ag interstitial to be stable in it. Both the formation energies of Ag interstitial (see Table I) and the
corresponding migration barrier (4.83 eV) are the lowest in Pore III. The estimated Deff at 1200 ◦C ≤ T ≤ 1600 ◦C
ranges between 5.69× 10−26 m2/s and 4.44× 10−22 m2/s. Diffusion of the Ag interstitial along the Y[01̄1] direction
was found to be ∼ 8 orders of magnitude faster than interstitial diffusion along the X [111] direction.
There are two possible paths for diffusion of Ag + V along the [01̄1] direction, the zigzag and the ladder paths (see

Fig. 7). Step-by-step mechanisms of cluster diffusion along these paths are shown in Fig. 8 and Fig. 9, respectively.
The main difference between the two mechanisms is that the ladder path requires unbinding of the vacancy while the

TABLE IV. Summary of the fastest diffusion mechanisms of Ag defect i migrating along the Y[01̄1] direction in the Σ3 GB.
The values of diffusion coefficients for AgC and AgSi correspond to columns C3 and Si1, respectively.

Ag Qi
int Qi

eff Di
eff,0 Di

eff

(

m2/s
)

defect i (eV) (eV)
(

m2/s
)

1200◦C
AgC 1.97 3.95 1.60× 10−7 4.88× 10−21

AgSi 6.71 7.94 1.60× 10−7 1.09× 10−34

AgI 4.83 5.33 9.80× 10−8 5.69× 10−26

Ag + V 5.58 7.65 9.79× 10−8 6.56× 10−34

Ag + 2V 4.45 6.55 9.80× 10−8 3.81× 10−30
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FIG. 7. (Color online) CSL unit cell in Σ3 GB: (a) 2D model (b) A 3D segment of the GB showing atoms the zigzag and ladder
paths for cluster diffusion.
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FIG. 8. (Color online) Schematic picture of the ”zigzag” mechanism associated with moving the Ag + V cluster along the [01̄1]
direction. Arrows indicate directions where atoms will move to form the next configuration to the right.

zigzag path does not. Since unbinding of the vacancy has a high energy barrier, it is not surprising that we found
Qint to be lower for the zigzag path, which will be described here in detail. We start by placing a Ag atom on the C
sublattice (C2) and a vacancy on the Si sublattice (Si3). This configuration relaxes so that Ag occupies an intermediate
position between two vacancies VSi3 and VC2 (configuration (i) in Fig. 8). Subsequent steps are schematically shown
in Fig. 8 where configuration (v) is symmetry equivalent to (i). The rate limiting barrier for this path was found
to be between configurations (ii) and (iii). We found that for the zigzag path Qint = 5.58 eV (see Table IV) and
Deff = 6.56 × 10−34 m2/s at 1200 ◦C. The ladder mechanism, which is schematically shown in Fig. 9, was found to
have Qint = 9.16 eV. This value is ∼ 3.5 eV higher than Qint of the zigzag mechanism. It is also higher by ∼ 1.6 eV
than diffusion of the Ag + V cluster along the X[111], although for all other defect types considered diffusion along the
X direction was slower. We also identified the possible paths for diffusion of AgSi + 2VC along the Y[01̄1] direction.
The formation energies of AgSi + 2VC clusters were found to be in the range of 3.74 − 5.73 eV (see Fig. 3), which
values are larger but comparable to the formation energies of other defects. Specifically, the most stable AgSi + 2VC

defect has a formation energy ∼ 1 eV higher than the most stable Ag + V defect, 0.11 eV higher than AgC, 0.05 eV
higher than AgSi, and 0.47 eV higher than AgI . We found that the migration paths for the AgSi + 2VC defects involve
rate limiting steps that are similar to those found for the Ag + V cluster and that include unbinding of a vacancy from
the cluster, simultaneous swapping of two atoms, and formation of an antisite. Here we discuss the migration path
and migration energies of the most stable AgSi + 2VC defect, which is AgSi2 +VC2 +VC3. The path is schematically
shown in Fig. 10. The rate limiting barrier for this mechanism is the step between configurations (i) and (ii), which
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FIG. 9. (Color online) Schematic picture of the ”ladder” mechanism associated with migration of the Ag + V cluster. Arrows
indicate directions where atoms will move to form the next configuration to the right.
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FIG. 10. (Color online) Schematic representation of the mechanism for diffusion of AgSi + 2VC along the Y [01̄1] direction.
Arrows indicate directions where atoms will move to form the next configuration to the right.

involves separation of VC3 from the cluster and a formation of the antisite SiC3. Formation energies of configurations
(i) and (ii) are 3.74 eV and 9.19 eV, respectively, and the activation barrier between these configurations is 4.45 eV.
The estimated Qeff (see Table IV) for this mechanism is approximately 6.55 eV, which is ∼ 1 eV lower than Qeff for
the fastest diffusion path of the Ag + V cluster along the Y[01̄1] direction. In general we found that although defect
clusters (such as Ag + V) can be very stable in the Σ3 GB (see Fig. 4), these clusters have relatively high energy
barriers Qint for diffusion (Table IV). This trend is similar to what has been found in bulk SiC10 and the migration
paths of clusters involve similar rate limiting steps as in the bulk. We found that the fastest Ag defects in the GB are
substitutional defects. For substitutional diffusion on the C sublattice Qeff =3.95 eV, which value is signifantly lower
than the corresponding energy in bulk SiC (Qeff = 7.88 eV). The reason why this barrier is high in bulk is the high
formation energy of vacancies10 This is yet another indication that vacancy concentration plays an important role in
the diffusion of Ag along the Σ3 GB.

IV. COMPARISON OF AG SOLUBILITY AND DIFFUSIVITY WITH EXPERIMENTAL INTEGRAL

RELEASE

To understand how the ab initio predicted values of the formation energies and the diffusion coefficients in this work
relate to existing data from integral release36,37,42,43 and ion implantation4 experiments, we first compare activation
energies for diffusion and then construct a model that predicts integral release rates based on our calculations.

In Fig. 11, we compare activation energies Qeff for diffusion coefficients calculated in this paper to those previously
reported in the literature for Ag transport in SiC. The data for bulk SiC corresponds to ab initio calculations from
Shrader et al10. In addition we plot a dashed line that corresponds to the lower bound on the effective energy barrier
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FIG. 11. Activation energies reported in literature of Ag diffusion through SiC. Integral release data is taken from Refs36,37,42,43,
ion implantation studies from Ref.4, ab initio calculations of Ag diffusion through bulk from Ref.10, and GB data is taken from
this work.

for bulk diffusion, as determined from experiments where bulk diffusion was not observed during the time of the
measurement4,5. These bounds are consistent with calculations for bulk diffusion by Shrader et al10. We also include
data for experimentally measured integral release from TRISO-coated fuel particles 36,37,42,43. These measurements
have activation energy for diffusion approximately between 1.83 and 2.26 eV. A similar activation barrier (∼ 2.5 eV)
for diffusion of Ag in a polycrystalline SiC has been found in ion implantation studies by Friedland et al4. Figure 11
shows that bulk SiC has the highest Qeff and that Qeff for the Σ3 is higher than the value obtained from integral
release measurements by more than ∼ 1.69 eV. Calculations for Σ3, which is a special GB with a bulk-like local
atomic environment, provide an estimated lower bound on the GB diffusion in SiC. Less ordered (high-energy) GBs
are expected to provide more stable locations and faster diffusion pathways.

While data shown in Fig. 11 is useful for comparing diffusion coefficients from different studies, for the Ag fission
product to be released from the TRISO particle’s SiC layer, the Ag atoms must first dissolve in SiC. The solubility of
the Ag in SiC can be determined using the calculated formation energies of Ag defects. To estimate Ag release rates
we construct a model that predicts integral release values as a function of formation energies and diffusion coefficients.
We then constrain this expression to yield integral release values consistent with experiment, thereby defining the
possible formation energies as a function of the diffusion coefficients. This method is somewhat approximate but
provides a simple way to understand the observable implications of Ag solubility and transport in SiC.
In our model we assume that Ag diffusion occurs along columnar GBs that extend radially from the center of the

particle through the SiC layer and therefore the integral release can be calculated as IR = Φt(Agb
f 4πri

2). In this

expression Φ stands for the Ag flux, Agb
f is the fractional area of the internal surface of SiC that consists of GBs (i.e.,

the fraction of the internal areas through which flux can pass), ri is the inner radius of the SiC layer in the TRISO
coating, and t is time. The flux Φ can be derived as follows. The SiC is a nearly spherical shell with an inner and outer
surface. We then approximate the SiC as a flat layer, ignoring the relatively small effects associated with its curvature
on the transport modeling. We assume that the diffusion of Ag through the SiC is along GB paths with boundary
conditions for Ag concentration c being equal to the solubility limit and zero at the inner and outer surface of the SiC

layer, respectively. With these assumptions the steady state flux of Ag through the SiC is Φ = DAg
eff ∇c = DAg

eff cAg/dth,

where DAg
eff is the effective diffusion of Ag through SiC, dth is the thickness of the SiC layer, and cAg is the solubility

limit of Ag in SiC. Further, it is assumed that no time is spent diffusing through the TRISO components other than
the SiC (e.g., the fuel and carbon layers). All of the relevant symbols and values needed for derivation of our model
are summarized in Table V.
It is worth mentioning that previous integral release calculations have used a different model, developed by Booth44.

We differ from that approach in that the Booth model has no Ag solubility term and solves for spherical diffusion
through the entire particle (not just through radial GBs in SiC as in our model). Also, the Booth model solves for
fractional release in terms of an evolving flux while our model assumes the flux is always maximal, given the solubility
limit of Ag in SiC. In order to relate the results of our flux model to the integral release data, we need an estimate of
how much Ag is produced and released in a typical integral release experiment. The typical amount of Ag produced
is estimated as follows. Assuming a low enriched UO2 kernel with a density of 10.93 g

cm3 and taking recent TRISO

particle dimensions as given in Table V, we estimate that there are ∼ 1.82×1017 U atoms in the kernel. If we consider
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TABLE V. Definitions and values for parameters used to estimate Ag release from simple diffusion model.

Property (Symbol) Value Comments
[units]

SiC properties

GB width (dgb) 5 This work
[Å]
Grain diameter (d)

0.8 This work
[µm]
Molar density (ρ)

1.6×105 Ref.45
[mol/m3]

Fractional area of GB
≈ 2dgb ×

d

d2 Cubic grains
(Agb

f ) =
2dgb
d

TRISO particle properties

Fuel Kernel radius (rk) 1.75× 10−4 Ref.46
[m]
SiC thickness(dth) 3.5× 10−5 Ref.46
[m]
Tortuosity (τ) 2 Ref.47

Inner radius of SiC (ri) 3.15× 10−4 Ref.46
[m]
Total Ag in fuel (nAg) 5.03× 10−11 See discussion
[mol]
Time to 10% release (t10) 10 days

Ref.1,48
[sec] =8.64× 105

Ag in Si properties

Formation energy of
4.76(Table I) Ag in site C3L

Ag (EAg
f ) ab initio[eV]

Ag solubility limit (cAg)
ρexp(

−EAg
f

kT
)

Analytic
[mol/m3] expression

Ag diffusivity in SiC

a) 8.07×10−19 a) Ion

(DAg
eff ) at 1600◦C implantation4

b) 3.69×10−18 b) AgC3L(Σ3)
[m2/s] Table IV

c) (4− 76)× 10−16 c) Integral
release36,37,42,43

Ag flux through SiC (Φ) DAg
eff ×

cAg

dthτ[mol/m2-s]

the kernel to have completed 10% fissions per initial metal atoms (FIMA) and assume a yield of 0.166% Ag per fission
event49, we estimate that the total number of moles of Ag in the kernel is nAg = 5.03 × 10−11. Now, by assuming
that 10% of Ag release happens in time t10 and that Ag is entirely mediated by the diffusion through the SiC layer,
we can write

0.1nAg − Φt10(A
gb
f 4πri

2) = 0. (10)

Substituting Φ = DAg
eff cAg/dth and cAg = ρ exp

(

−EAg
f /kT

)

, the above equation can be rewritten as

EAg
f = − ln

(

0.1nAgdthτ

ρt10D
Ag
eff Af4πr2i

)

kbT. (11)

Figure 12 shows (black line) the functional relationship from Eq. 11 for a temperature of 1600◦C, which is the
accident temperature in the VHTR and as well as a typical temperature for integral release experiments. Points
on the line denote the fastest diffusion coefficients determined in this work for the Σ3 GB (AgC along Y direction),
experimental values determined by ion implantation4, as well as the range of values estimated from integral release
experiments36,37,42,43. These diffusion coefficients are also calculated for 1600◦C. For the GB data we give the nu-
merical value of formation energy that solves Eq. 10 and we also show (in parentheses) the corresponding formation
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FIG. 12. The black line shows the implicit relation between the formation energies (ordinate) and diffusivity of Ag (abscissa)
in SiC implied by Eq. 10. The circle on the line corresponds to our calculated values for the fastest Ag diffusion coefficients
from either the X or Y direction in the Σ3 GB. The values in parenthesis are the corresponding formation energies (from a
source of bulk Ag metal) calculated in this work for each GB type using ab initio methods. The triangle shows the point on the
line corresponding to the diffusion coefficients from ion implantation4 while the shaded grey region shows the extent of the line
associated with the several diffusion coefficients obtained from integral release experiments 36,37,42,43. The negative formation
energies are not physical and simply represent that the diffusion coefficients considered are too low to yield a physical solution
to Eq. 10

.

energy obtained from our ab initio calculations (from Table I). If the two values are comparable, that means that the
ab initio and integral release data are consistent.

It should be pointed out that the formation energies depend on the Ag chemical potential of the Ag in the TRISO
fuel just as it enters the SiC, which is difficult to determine rigorously. This chemical potential is likely associated with
Ag in some form of gaseous state or sorbed into carbon, possibly bound to an anionic species like oxygen or iodine. A
thorough study of the Ag reference state under realistic TRISO conditions is beyond the scope of this paper so here
we estimate the plausible range of Ag chemical potential. One common approach to estimate a chemical potential in
such situation is to find an upper bound for the chemical potential based on stability arguments. Here we consider
two possible upper bounds.

The first possible upper bound we consider is bulk metallic Ag. To support this upper bound one argues that the Ag
source in TRISO is more stable than bulk metallic Ag or bulk metallic Ag would form and pin the chemical potential
at the bulk Ag value. By this argument bulk Ag provides an upper bound on the Ag chemical potential. Bulk Ag is
already the reference state used to determine all of the ab initio formation energies in this paper. Therefore, with the
bulk Ag upper bound, the calculated ab initio formation energies of Ag given in this paper can be treated as lower
bounds on the true Ag formation energies expected in the fuel particle (i.e., the real formation energy would be more
positive, leading to lower solubility). However, it should be noted that the preceding argument only holds if the Ag
can equilibrate with itself during the release process. The small amount of Ag created and released, approximately
3 × 1013 atoms (see Table V), means that Ag may not interact enough to form bulk Ag. Under this scenario it is
possible for Ag atoms to have chemical potentials much higher than bulk Ag. For this reason, a more conservative
upper bound is considered.

The second possible upper bound we consider is an isolated Ag atom. To support this upper bound one argues
that if the Ag were less stable than an isolated Ag atom, the Ag could always form a gas of Ag atoms, which at finite
temperature would have a chemical potential significantly lower than the isolated Ag atom due to entropic terms.
By this argument an isolated Ag atoms provides an upper bound on the Ag chemical potential. Our calculated Ag
cohesive energy relative to the isolated (spin polarized) atom is 2.50 eV. Therefore, if this upper bound is used then all
the formation energies calculated for Ag presented in this paper would decrease by 2.5 eV per Ag. This upper bound
is very conservative as it assumes Ag cannot bind significantly to any available sites, which seems unlikely. We will
therefore generally use the bulk metallic Ag to estimate our Ag chemical potential and invoke the more conservative
At atom value to assess if results might be sensitive to the exact Ag chemical potential.

The trend of the line in Fig. 12 shows that higher formation energies (lower solubility) require higher diffusion
coefficients to still yield overall transport consistent with experiments. It can be seen from Fig. 12 that the formation
energy predicted by the diffusion coefficient of the AgC defect in the Σ3 GB (circle) is 0.13 eV and that predicted
by ion implantation studies (triangle) is negative (-0.11 eV). The negative formation energies are not physical and
demonstrate that the measured diffusion coefficients are too low to explain the Ag integral release even if Ag were
100% soluble in SiC.
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While the formation energy derived from Eq. 10 for the Σ3 GB is positive, the value of 0.13 eV is still extremely
low. It is 4.63 eV lower than what was obtained (4.76 eV) from direct ab inito calculation of Ag formation energies in
the Σ3 GB in this work. This discrepancy would persist even if we use the Ag atom reference state, in which case the
calculated formation energy change from 4.76 eV to 2.26 eV. However, it should be noted that the effect of neglecting
charge in defect formation energies for the Ag+V cluster (which is the fastest defect in Σ3 GB) can be on the scale
of ∼ 2 eV (see Ref10), which could conceivably lower the formation energy for Ag in the Σ3 GB to values consistent
with integral release data. That said, such an alignment of all the uncertainties in our predictions seems unlikely.
Therefore, even though the Σ3 GB presents a region with far more solubility and diffusion than the bulk SiC10, the
diffusion coefficient and formation energy for the Σ3 GB do not allow for quite enough transport to fully explain the
integral release data. Other hypothesis to explain this remaining discrepancy with the experimental Ag release are
discussed in Sec. V.
It is interesting to note in Table IV that for the Σ3 GB the value of Qint for AgC (1.97 eV) is similar to the migration

barriers predicted from integral release experiments36,37,42,43 (between 1.83 eV and 2.26 eV) or ion implantation
measurements4(2.5 eV). However, as pointed out above, the formation energies of Ag in the fastest diffusing path,
which makes use of C3L sites, is 2.2 eV higher than the most stable state of Ag (the Ag-V cluster) in the Σ3 GB
(Table I and section III.A). Therefore, despite the low value of Qint , the Deff of AgC is too low to provide adequate
Ag mobility to explain the integral release data.

V. DISCUSSION AND CONCLUSION

We investigated to what extent GBs in SiC can provide faster diffusion pathways for Ag as compared to bulk
SiC. In order to do that we calculated diffusion coefficients for migration of Ag along the Σ3 〈011〉 {211} GB, which
because of the special bulk-like structure of this GB provides an approximate lower bound on diffusion coefficient
along GBs in SiC. The results were compared to bulk studies previously reported by Shrader et al.10. We found that
for a typical grain diameter (0.8 µm) of SiC used in TRISO application there is a strong segregation of Ag to the
Σ3 GB. Specifically, we found that, based on Σ3 energies, the fraction of time that Ag spends in the GB is 99.999%
at 1200◦C and 99.988% at 1600◦C. This strong segregation, combined with the slow diffusion in bulk SiC10, means
that GB pathways will dominate diffusion of this fission product through a polycrystalline SiC (assuming no cracks or
pores that enable faster diffusion are present). In the above calculations we used formation energies of neutral defects
both in the GB and in the bulk.
Diffusion along the Σ3 GB was found to be anisotropic with a faster migration along the Y[01̄1] direction than

along the X[111] direction. The fastest mechanism was found to be a substitutional diffusion on the C sublattice
along the Y direction with the effective energy barrier Qeff = 3.95 eV. The corresponding diffusion coefficients are
Deff = 4.88 × 10−21 m2/s (at the operating temperature of 1200◦C) and Deff = 3.69 × 10−18 m2/s (at the accident
temperature of 1600◦C). Within this range of temperatures, diffusion of Ag along Σ3 is 11− 14 orders of magnitude
faster than diffusion through bulk10. We found that the diffusivity along the Σ3 GB in SiC is 2−3 orders of magnitude
slower than the fastest diffusion reported from fitting to integral release measurements (see Table V). Given that
Σ3 provides an approximate lower bound on diffusion, it is plausible that other types of GBs will be able to account
for the remaining discrepancy between diffusion coefficients. Even a small enhancement in the GB diffusivity would
mean that GBs could explain the experimentally observed release of Ag in SiC. In particular calculations need to be
carried out for random high-energy GBs, which are most likely to form a percolating path through SiC and which are
characterized by a large amount of structural disorder. These random GBs constitute a majority (> 50%) of GBs in
CVD grown SiC11. This % fraction of GBs is more than sufficient to provide a percolating path through a material
based on the following argument. It has been found that the percolation behavior of GB paths is similar to those for
paths of nearest-neighbor bonds on the fcc lattice50 and percolation of first nearest-neighbor bonds on the fcc lattice
occurs with just 11.9% of bonds occupied51. It is reasonable to assume that high-energy GBs will provide pathways
for Ag diffusion with rates faster than those found for special GBs (such as Σ3), as such behavior have been found for
impurities diffusing in other materials12,13. Other phenomena that might reduce the gap between diffusion coefficients
calculated for Σ3 GBs and those estimated from integral release measurements are enhancement of GB diffusion due
to irradiation and an increased solubility of Ag in SiC GBs due to co-incorporation with other impurities present in
the environment.
It is important to point out that some of the defects in bulk must be modeled as charged, that is it is necessary

to add (remove) electrons to (from) the defect to obtain the lowest formation energy. We did not consider charged
defects in the GB, and by calculating segregation factors, we assumed that the effect of charge on formation energies
cancels between the bulk and the GB. It is in principle possible that the magnitude of the energy reduction due to
the charging of defects would be lower in the GB than in the bulk and therefore the segregation effect would not be
as strong as predicted in this paper. In the limiting case when charged and neutral defects have the same energy in
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the Σ3 GB, the segregation factor would be 1.17× 102 and Ag would spend only ∼ 18% of time in the GB. Although
this hypothetical scenario would have a significant effect on segregation tendency, the impact on the effective diffusion
coefficient in a polycrystalline SiC would be small (see Eq. 6). This small effect is because diffusion through bulk
(Deff = 6.9× 10−35 at 1200◦C) is orders of magnitude slower than diffusion along the GBs.
Our calculations show that Ag diffusion along Σ3 GBs of SiC is significantly faster than diffusion in the bulk. It is

instructive to ask what physics has changed when Ag segregated from bulk to the GB. By comparing our results to
studies of Ag diffusion in bulk SiC10, we idenfity the following differences between bulk and GB diffusion:

1. In bulk SiC Ag has a high formation energy (10.49 eV) of interstitials. Even though the intrinsic diffusion barrier
for interestitials is low (< 1 eV), the high formation energy makes the effective energy barrier to diffusion high
(Qeff = 7.88 eV). In the Σ3 GB, interstitial formation energies are reduced by ∼ 7 eV, which is why interstitial
diffusion could possibly become active. This reduction is related to a larger free volume available for interstitials
in the GB as compared to the bulk. The effective barrier for interstitial diffusion is reduced by ∼ 2.5 eV, which
means that interstitials are indeed faster in the GB, although not as fast as the substitutional defects.

2. In bulk SiC Ag has a high migration barriers for clusters (Qint = 9.10 eV). Although AgSi −VC clusters are
stable in bulk (Ef = 5.32 eV) relative to other Ag defects, unbinding of a vacancy from Ag and formation of
an antisite defect are energetically expensive processes that limit migration of this cluster. The Ag + V cluster
is more stable in the GB (by ∼ 2.56 eV as compared to a neutral cluster in the bulk) due to a reduction in the
vacancy formation energies. However, migration of a cluster involves a similar rate limiting step as in the bulk
and the overall diffusion rate of the Ag + V is not significantly faster in the GB than it is in the bulk.

3. As shown in Eq. 9, vacancy formation energy contributes to the intrinsic energy barrier for substitutional
diffusion. In bulk SiC vacancies formation energies are 7.63 eV for VSi and 4.13 eV for VC. These high values
prevent substitutional diffusion in the bulk10. In Σ3, vacancy formation energies are reduced appreciably with
values of 4.13 eV and 1.32 eV for VSi and VC, respectively. Substitutional diffusion of Ag on the C sublattice
becomes particularly fast (Qeff = 3.95 eV) and this mechanism dominates Ag transport along the Σ3 GB.
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